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The microstructure of Nicalon-reinforced borosilicate glass was studied using scanning acoustic
microscopy (SAM) and scanning efectron microscopy (SEM). Acoustic micrographs exhibited
high contrast, and the formation of Rayleigh-wave-interference fringes both within and
around fibres allowed the in-situ-fibre and matrix elastic moduli to be estimated. The matrix
was found to have undergone partial devitrification resulting in the formation of cristobalite.
The presence of a high volume fraction of reinforcing fibres was found to have little effect

on cristobalite formation and distribution. The thermal expansion mismatch between B-
cristobalite and the devitrified glass matrix and the B/a-cristobalite phase change were found
to give rise to extensive microcracking around individual cristobalite grains and partial fibre/matrix

debonding.

1. Introduction
Whilst exhibiting excellent thermal properties coupled
with low density, a high elastic modulus and reason-
able mechanical strength, conventional engineering
ceramics exhibit poor fracture toughness. In the early
1970s it was found that the addition of 0.40 volume
fraction of carbon fibres to borosilicate (Pyrex) glass
increased its work of fracture from 10Jm~2 to
3.7kJ m~2 [1]. The subsequent development of small
diameter ( < 20 um) silicon oxycarbide fibres such as
Nicalon and Tyranno has permitted the fabrication of
ceramic-matrix composites (CMCs) with fracture
toughnesses approaching those of metals. Thus the
addition of 0.49 volume fraction, V;, of Nicalon fibres
to borosilicate glass produces a CMC with a work of
fracture of S0 kI m~2 [2]. This increase in work of
fracture is primarily due to the low interfacial fric-
tional shear strength (IFSS) between the fibres and
matrix, allowing broken fibres to be pulled out of the
matrix [3].

The full potential of this type of material is not often
achieved because of the three following reasons.

1. Fibre properties are lost due to aggressive pro-
cessing conditions, e.g. at temperatures of ~ 1000 °C,

2. Inappropriate microstructures are generated
during composite fabrication. If a significant differ-
ence in the coefficient of thermal expansion (CTE)
exists between the matrix and the fibre reinforcement
then large residual thermal stresses can exist in the
composite at room temperature, which may exceed
the matrix fracture stress and hence give rise to spon-
taneous matrix microcracking,
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3. Matrix microcracking occurs around fibres at
relatively low stresses which allows environmental in-
gress and loss of composite properties.

Problems 1 and 2 can be solved by careful optimiza-
tion of microstructures during fabrication in order to
tailor fibre, matrix and fibre/matrix interfacial proper-
ties. Matrix microcracking under stress is the principal
obstacle to the use of CMCs. At high temperatures
access of the environment to the fibres [4] causes their
fracture, and the strength of the material is therefore
limited to the matrix microcracking stress.

Defects such as matrix microcracks generated dur-
ing fabrication or use are difficult to detect in CMCs
using optical microscopy (OM) due to their small
dimensions. In back-scattered scanning electron
microscopy (SEM), the low atomic numbers of the
composite constituents give rise to poor contrast. In
addition, since most ceramics are poor electrical con-
ductors, CMCs normally have to be carbon or gold
coated to obtain a clear image.

Scanning acoustic microscopy (SAM) has been
shown to be highly sensitive to the presence of cracks
and elastic discontinuities in monolithic ceramics and
metals [5—7]. The contrast in SAM is directly related
to the elastic properties of the surface being examined.
This allows the discrimination of optically transparent
phases and the imaging of extremely fine surface
cracks and pores via the mechanism of Rayleigh-
wave-fringe formation [8], with a theoretical resolu-
tion limit of approximately 10 nm [9]. The surface of
the specimen does not need to be etched in order to
enhance contrast from second phases.
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2. Experimental procedure
The material examined in the current work was
borosilicate glass reinforced with Nicalon-silicon-oxy-
carbide fibres, fabricated at the Harwell Laboratory
[2]. The material was fabricated by hot pressing at
950°C and 10 MPa for 10 min, to give optimum
mechanical properties. The reinforcing fibres were ar-
ranged uniaxially, with a nominal fibre volume frac-
tion of 0.45. In order to investigate the effect of fibre
volume fraction on composite microstructure, a speci-
men containing a single reinforcing fibre (i.e. effec-
tively a zero fibre volume fraction) was fabricated
under identical conditions. Typical properties which
have been reported for this composite system are
shown in Table I along with the equivalent properties
for the borosilicate-glass matrix and Nicalon fibres.
Acoustic microscopy requires samples to be flatter
than the acoustic wavelength in water at the frequency
used (1.9 GHz for the current work) in order to min-
imize spurious phase contrast. To ensure an adequate
surface for examination of the composite, the follow-
ing procedure was used. Samples of composite (typical
dimensions 2 x 10 x 5 mm) were cut from the as-
pressed composite coupon using a thin-bladed annu-
lar diamond saw. Samples were then vacuum embed-
ded in an epoxy resin so that the composite presented
a transverse section to the surface. Once the epoxy was
fully cured, the sample was attached to a precision
polishing jig and progressively lapped and polished
using in turn 6, 1, 0.25 and 0.1 pm diamond pastes
with a silicone-oil lubricant on scrolled brass platens,
at low loads. Napless cloths were found to give relief
between fibres and matrix, giving rise to spurious
contrast in the acoustic microscope, although these
cloths give an adequate finish for optical microscopy.
Indeed, for examination by SEM using secondary-
electron imaging, it was found necessary to include an
extra polishing stage (0.25 um diamond paste on
a napless cloth) in order to emphasize relief, and hence

TABLE I Mechanical properties of uniaxial 7740/SiC and its con-
stituents

Property 7740/SiC 7740 borosilicate Nicalon SiC
049 V)  glass fibre

Young’s modulus

(GPa) 120° 63° 196¢

Shear modulus

(GPa) 514 28° 77¢

Tensile strength

(MPa) 580¢ 48® 2750¢

Work of fracture

(Jm~2%) 50000* 10 -

CTE (1075°C™1) 3.25° 1-2%¢

(25-300°C)
Density (kgm™3)  2390" 2230° 2550°

*Dawson et al. [2].

®Chyung [10].

¢Nippon Carbon Company [11].

dSeerat un Nabi and Derby [12].

¢ Grande et al. [13].

f Briggs and Davidge [14].

£ Most researchers quote a value of 3.25 x 1076 °C ™! for 20-600°C.
" Calculated assuming the rule of mixtures.
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contrast, between microstructural constituents. The
final polishing stage for acoustic microscopy involived
the use of Syton (a colloidal silica solution with
a 0.1 ym particle size) on a polyurethane-coated
platen for 10 min to remove fine scratches and provide
a mild etch of the glass matrix.

Specimens were examined using the following
microscopes: an Olympus BHM optical microscope,
a Leica SAM (hereafter ELSAM), a Hitachi S-530
scanning clectron microscope with a secondary-clec-
tron detector, a Jeol JSM 35X in back-scattered mode,
and a Cameca microprobe. Samples for SEM exam-
ination were carbon coated to prevent charge build-
up on the specimen surface and to minimize beam
damage to the composite. In addition a non-imaging
acoustic microscope, a line-focus-beam microscope
(LFBM), was used to obtain Rayleigh-wave velocities
from bulk borosilicate glass and hot-pressed silicon
carbide.

3. Results

3.1. Composite microstructure

OM was used to examine the basic composite micro-
structure. Fig. 1 shows an optical micrograph of
Nicalon-reinforced borosilicate glass (7740/SiC). The
fibre distribution can be seen to be comparatively
poor, with clusters of fibres occurring, There is no
indication of the arrangement of the fibres in the
original tows. Only sporadic instances of open-surface
porosity (approximately 0.001 area fraction) were vis-
ible, and they were invariably associated with matrix-
denuded regions between close-packed fibres. The
matrix consisted of a crystalline phase in an amorph-
ous glass matrix, with microcracks just visible in the
matrix linking adjacent fibres, the contrast from both
being poor.

More detailed microstructural information was ob-
tained on examining the composite by SAM. Fig, 2
shows a low-magnification acoustic micrograph of the
0.45 V; composite. The crystalline matrix phase has
high contrast with respect to both the glassy matrix
phase and the silicon-carbide fibres. Cracks, delin-
eated by Rayleigh-wave-interference fringes occur in
both the glass and crystalline components of the

Figure I Optical micrograph of a 7740/SiC glass showing the gen-
eral composite microstructure.
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Figure 2 Scanning acoustic micrograph of a 7740/SiC glass taken at
a defocus of z = — 2.8 um with an imaging frequency of 1.9 GHz.
Note the strong contrast between fibres, matrix and microcracks.
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Figure 3 Histogram showing the measured fibre-diameter distribu-
tion of Nicalon fibres in a 7740/SiC glass. The mean = 15.7 pm,
standard deviation = 2.6 um and number of samples = 206.

matrix. The volume fraction of the latter was meas-
ured as 0.40 + 0.05. The fibres deviate from their nom-
inal circular cross-section and diameter. The mean
fibre diameter measured from the electron micro-
graphs was 15.7 um, with an approximately normal
distribution (Fig.3) and a standard deviation of
2.6 pm.

Acoustic micrographs such as Fig. 2 all showed
interference fringes within both the silicon-carbide
fibres and the glass-matrix component. These fringes
were visible at all values of defocus, z, but they were
faint at focus. Fringes in the fibres have the same
appearance as growth rings in trees. They are formed
by interference between the normal component of an
incident wave and the component reflected from the
fibre-matrix interface, in a manner analogous to fringe
formation from surface-breaking cracks oriented
normally to the surface (Fig. 4). By carefully measur-
ing the spacing of the Rayleigh fringes, dx, from high-
magnification acoustic micrographs, the Rayleigh ve-
locity, vg, for the fibres can be calculated for a known
imaging frequency. A mean Rayleigh velocity of
5320m s~ ! was calculated for the Nicalon-silicon-
carbide fibres. This value is lower than the value of
6729 m's~' for bulk hot-pressed silicon carbide as
measured using the LFBM. The measured Rayleigh-
wave velocity can then be used to calculate the shear
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Figure 4 Schematic diagram of the mechanism of fringe formation
in the matrix and fibres. I is the Rayleigh wave incident on the
fibre/matrix, R the reflected wave component, and T the transmitted
wave component. N is the normal component of the longitudinal
waves in the water couplant incident on the surface of the com-
posite. Note that the incident and reflected Rayleigh waves follow
the same path.

modulus and Young’s modulus of the material in
which the fringes form (see Part 1I [15]).

Inserting the appropriate values yields an in-situ
shear modulus of 89 GPa and a Young’s modulus of
205 GPa for Nicalon-silicon-carbide fibres incorpor-
ated in a glass matrix. These are in good agreement
with the manufacturer’s quoted values [10] shown in
Table I, but are slightly higher than values measured
by independent researchers (see Part II [15]).

The Rayleigh-wave-interference fringes formed in
the glass component of the matrix can, by the same
process, be used to calculate the corresponding elastic
properties of the glass. The measured Rayleigh-wave
velocity of 3800 ms~' yields a shear modulus of
39 GPa and a Young’s modulus of 93 GPa. In com-
parison the Rayleigh-wave velocity of bulk borosili-
cate glass measured using the LFBM was
33242 ms™ !, giving a shear modulus of 29.7 GPa and
a Young’s modulus of 62.3 GPa, in good agreement
with the data shown in Table I. As the borosilicate-
glass matrix has undergone significant devitrification,
some change in its elastic properties would be ex-
pected.

3.2. Matrix crystalline phase

The crystalline phase observed in the glass matrix has
a granular “flowery” appearance with an individual
grain (or “petal”) size of 3—5 um (Fig. 5). This phase
was observed in both the 0.49 V; composite specimen
and the single fibre specimen. This phase resulted from
devitrification of the borosilicate-glass matrix during
fabrication of the composite. Chemical analysis of this
phase using both wavelength and energy-dispersive
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Figure 5 Scanning acoustic micrograph of a single-fibre 7740/SiC
specimen showing formation of a-cristobalite along the fibre-matrix
interface. z = — 1.0 um, imaging frequency = 1.9 GHz.

spectrometers on a Camebax electron microprobe in-
dicated that it was silicon rich (46 wt %), with no other
heavy elements detected. Due to the requirement of
a carbon coating for the specimen, the presence of
elements lighter than carbon could not be determined.
Analysis of the peaks in an X-ray diffraction (XRD)
pattern obtained from the single-fibre specimen
(Fig. 6) identified the crystalline phase as o-cris-
tobalite, a tetragonal allotrope of silica which is meta-
stable at room temperature. This agrees with previous
results reported by Murty and Lewis [16] and sub-
sequent workers [17, 18].

It has long been known that, despite being the high
temperature (1470—1713°C) silica phase, cristobalite
can precipitate in borosilicate glass and remain meta-
stable down to room temperature. Cox and Kirby
[19] have linked the diffusion process controlling cris-
tobalite-crystal growth to the removal of sodium and
boron ions from the silicon—oxygen structure of the
borosilicate glass, resulting in the formation of a crys-
talline region without any major positional changes of
silicon and oxygen ions. More recently Clarke et al.
[20] have investigated the formation of cristobalite in
fabricated bulk hot-pressed borosilicate glass. The
volume fraction of cristobalite in samples of borosil-
icate glass hot-pressed at temperatures in the range
750-950°C was found to decrease with temperature
but to increase with applied pressure.

As can be seen from the 0.45 V; composite specimen
(Fig. 2), cristobalite has formed at the fibre-matrix
interface and also randomly throughout the borosili-
cate glass matrix. The volume fraction of cristobalite
in the matrix was estimated at 0.4. In Fig. 5, cris-
tobalite has intermittently precipitated at the
fibre-matrix interface along its entire length. This has
the effect of forming an in-situ coating approximately
3-5um thick along the fibre length. Comparing the
volume fractions of cristobalite in the single fibre and
high-fibre-volume-fraction composites, the presence of
the fibres has given a comparatively small increase in
the amount of cristobalite formed. In agreement with
Bieay and Scott [18], these results indicate that nu-
cleation of cristobalite at fibre surfaces is not the
primary mechanism of matrix devitrification in
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Figure 6 X-ray diffraction plot from a single-fibre 7740/SiC com-
posite indicating the presence of «-cristobalite in the matrix.

7740/SiC. Devitrification is most likely to occur at
silica-rich regions of the glass [ 18, 20] or the surfaces
of the powdered glass during hot pressing.

The fabrication of carbon-fibre-reinforced borosil-
icate is performed at temperatures of the order of
1200 °C [21-24]. Cristobalite is not observed to form
in the matrix of the composite although Bleay and
Scott [25] report the formation of small quantities of
cristobalite at the fibre-matrix interface. The presence
of a thin layer of cristobalite grains was also observed
at the fibre-matrix interface in Corning-code-1723-
aluminosilicate glass reinforced with Nicalon fibres.
Murty et al. [26] have observed the same behaviour in
7740/SiC (incorporating both Nicalon and Tyranno
fibres) fabricated at temperatures above the liquidus of
borosilicate glass ( ~ 1100 °C). They concluded that at
the more common hot-pressing temperature of
~ 950°C matrix devitrification initiates at the sur-
faces of the powdered glass. As processing above the
liquidus reduces these surfaces, the only mechanism
enabling  devitrification is  precipitation  at
fibre-matrix interfaces.

The presence of cristobalite is detrimental to com-
posite strength since cristobalite grains provide mul-
tiple stress concentrators. Hence the effective com-
posite matrix microcracking stress will be lowered.
However the profusion of partially debonded cris-
tobalite—glass and cristobalite—fibre interfaces intro-
duces a high volume fraction of interfaces, along
which cracks preferentially propagate. Hence the com-
posite is expected to be comparatively tough. This is
supported by the high work of fracture which has been
measured for this CMC system [2].

3.3. Matrix microcracking

The acoustic micrograph in Fig. 2 shows clearly the
presence of extensive matrix microcracking. Matrix
cracks are delineated by means of Rayleigh-wave-
fringe formation (Fig. 7). These microcracks can be
divided into three categories, which (i) connect neigh-
bouring fibres, (ii) form around cristobalite grains and
(ii1) radiate out into the devitrified borosilicate-glass
from the fibre-matrix interface. If large residual tensile
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Figure 7 Scanning acoustic micrograph of 0.45 V; 7740/SiC com-
posite. z = — 2.0 um and the imaging frequency was 1.9 GHz. Note
the radial microcrack in the devitrified glass matrix and cracks
along the a-cristobalite/devitrified-interface  highlighted by
Rayleigh-wave-interference fringes.

radial thermal stresses were generated in the com-
posite and the fibre—matrix interface had a comparat-
ively low fracture toughness (an essential requirement
for high composite fracture toughness) then
fibre-matrix debonding should be observed using the
SAM.

Examination of the composite using SEM (in sec-
ondary-clectron and back-scattered modes) enabled
matrix microcracking to be imaged (Figs 8 and 9).
Whilst the contrast between fibres, glass and cris-
‘tobalite is inferior to that obtained from SAM, the
contrast from cracks is excellent. Of particular note is
the propagation of cracks along the fibre-matrix in-
terface (arrowed in Fig. 9). Fibre-matrix debonding
(decohesion) is only visible where cristobalite grains
are present at the interface. Thus fibre-matrix debond-
ing appears to be associated with the precipitation and
cooling of cristobalite to room temperature.

Although fibre-matrix debonding does not occur
around the complete fibre circumference, it is still
expected to affect composite properties. During tensile
loading partially debonded fibres will begin to slide
through the matrix at lower stresses than fully bonded
fibres, the debonded regions acting as starter cracks
over which frictional sliding can occur. Hence there
will be a distribution of TFSS in the composite (the
IFSS has been measured as 11.5-15.6 MPa with
a standard deviation of approximately 7.0 MPa [26]).
During tensile testing of the composite, there will be
continuous fibre puli-out of broken fibres from the
matrix at different composite stresses giving a high
work of fracture. (Nicalon-silicon-carbide fibres ex-
hibit a wide distribution in tensile strengths, o; (typic-
ally 0.7-2.8 GPa [28]). This results in progressive
fibre failure and pull-out from the matrix. As the
matrix fracture surfaces separate, the strength of the
composite becomes determined by the remaining in-
tact fibres. Composite ultimate tensile strength is thus
the fracture strength of the fibre bundle, V; o¢.) Thus
the composite will have a degree of damage tolerance,
i.e. non-catastrophic pseudo-ductile failure. It is inter-
esting to note that the other well characterized CMC

Figure 8 Secondary-electron micrograph showing matrix cracking
around a-cristobalite particles.

Figure 9 Back-scattered-electron micrograph of 7740/SiC. Arrows
indicate cracks. Note the poor contrast from a-cristobalite, devitri-
fied glass matrix and Nicalon-silicon-carbide fibres, and the excel-
lent contrast from radial (r) and fibre-matrix interfacial (i) cracks.

system, LAS-I11/SiC, also has a high work of fracture
and low IFSS (with a mean of 4.2-8.3 MPa depending
on the test method, with a standard deviation of
approximately 4.0 MPa [27]) due primarily to partial
circumferential fibre-matrix debonding [29, 30].

In acoustic images such as Figs 2 and 7 it is not
possible to observe directly the fibre-matrix bonding
seen in the SEM, yet matrix microcracks are easily
resolved. Due to the low ratio of fibre-to-matrix elastic
modulus, the fibre-matrix interface in CMCs has
a much lower impedance to acoustic waves than is the
case for polymer matrix composites (PMCs). Hence
only a small fraction (approximately 0.23 for
7740/SiC) of the acoustic power of Rayleigh waves
incident on the fibre-—matrix interface will be reflected
back. i.e. the interface has a low reflection coefficient.
Thus the Rayleigh-wave fringes formed on either side
of the fibre—matrix interface are comparatively weak
with respect to the background contrast. Debonding
at the fibre-matrix interface results in the formation of
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a circumferential crack. As cracks have a comparat-
ively high reflection coefficient much stronger fringes
would be expected either side of a debonded interface
(Reflection of Rayleigh waves from a crack has an
associated phase change which will result in a shift of
the fringe pattern by a fraction of the wavelength in
the matrix). As fibre-matrix debonding is primarily
associated with the presence of cristobalite in the
matrix, it is difficult to observe fringe formation in the
matrix side of the debond. In Fig. 7, variations in the
fringe pattern around and within the fibres are just
visible indicating partial fibre-matrix debonding has
occurred around some of the fibres. The contrast
across fibre—matrix interfaces in acoustic micrographs
is discussed more fully in Part IT [15].

Matrix microcracking has been observed in several
other CMC systems (both glass and glass—ceramic
[17]) being attributed to the high residual thermal
stresses generated in the matrices during cooling from
the processing temperatures (of the order of 1000 °C).
These CMCs, however, had matrices which were es-
sentially single phase, whereas for 7740/SiC the pres-
ence of cristobalite introduces a complicating factor.
This leads us to expect that the matrix microcrack
in Fig. 7 is a product of residual thermal stresses,
whereas the microcracks associated with cristobalite
grains are due to matrix devitrification. It can be
concluded that at least two mechanisms contribute to
matrix cracking in 7740/SiC: residual thermal stresses
and matrix transformations.

4. Discussion
4.1. Matrix microcracking due to CTE
mismatch between fibres and matrix

If the CTE of the reinforcing fibres differs from the
matrix, then cooling the composite from hot-pressing
to room temperature will result in thermal stresses
being generated in both fibres and matrix. If the axial
CTE of the fibres is lower than that of the matrix then
the fibres will contract less than the matrix, and hence
they will place the matrix in a state of tension which, if
sufficiently great, may lead to a reduction in the com-
posite’s matrix cracking stress [31], or even spontan-
eous matrix microcracking. Conversely, if the axial
CTE of the matrix is less than that of the fibres, the
fibres will compress the matrix, effectively increasing
the matrix microcracking strength of the composite
when it is subjected to tensile loading. Residual radial
and hoop thermal stresses in the composite can also
affect composite tensile strength. Tensile radial ther-
mal stresses across the fibre—matrix interface can re-
sult in fibre-matrix debonding, such behaviour has
been observed in LAS-III/SiC [29] which can lead to
a lower IFSS [31] and hence enhanced composite
toughness [32]. High compressive thermal stresses
across the fibre-matrix interface give rise to an in-
creased IFSS resulting in a brittle material.

Various models have been produced to calculate the
thermal stresses generated at room temperature by
composite processing routes. The most realistic
models assume a cylindrical geometry, with a thick
coating of the matrix material surrounding the fibre
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[33]. Equations originally derived by Poritzky [34]
have recently been used by Hegeler and Briickner [35]
to investigate the influence of CTE mismatch on the
mechanical properties of a series of Nicalon-reinforced
glasses.

These equations allow the axial, radial and hoop
(denoted by superscripts a, r, and h, respectively) ther-
mal stresses to be determined in both the fibre (Equa-
tions 1-3) and matrix (Equations 4-6) of a composite
as a function of radial distance from the fibre centre, r.
The concise solutions used by Brugger [36] and
Scherer [337 are employed.

of = A(l —2—2) (1)

ot = A<1 »2—22> )

o — c;;<1 _1’;—> )

o = A(l —é—j—> (4)
¥

oh = A<1 +”—> )
r

+EL(1 + W)(Z—Zz _ 1)) JTS (o — o) dT

(6)

LB — vf)<1’;_22 _ 1))
y <E N Em<%2— _ 1)) )

and E is Young’s modulus, v Poisson’s ratio and the
subscripts f and m refer to the fibre and matrix, respect-
ively. o, is the matrix CTE, and o4 the fibre CTE. T, is
room temperature and T the temperature at which
stress relieving mechanisms cease to operate in the
matrix. R is the fibre radius, b is the radius of the
matrix layer (from the fibre centre) and r the radial
distance in the matrix from the fibre centre.

The use of Equations 1-9 involves the following
assumptions. First, that there is no interaction be-
tween the stresses around neighbouring fibres. This is



reasonable for the axial thermal stress, but not for the
radial and hoop thermal stresses. Secondly, the inter-
stitial regions between the coated cylinders, of which
the composite is assumed to consist, can be neglected
(for a hexagonal array the interstitial regions comprise
approximately 0.1 volume fraction of the entire com-
posite volume). Hence to a first approximation, b*/R?
is the reciprocal of the fibre volume fraction. Thirdly,
plane strain is assumed, which is a reasonable assump-
tion for large length-to-diameter ratios (in practice,
ratios of greater than three) [33]. Matrix viscoelastic
effects are ignored.

When using the above equations, the temperature
at which stress-relieving mechanisms cease to operate
in the matrix, T, is needed. For crystalline matrices
such as glass—ceramics, this can be considered to be
the hot-pressing temperature (or the ceramming tem-
perature, if a post-fabrication matrix-crystallization
stage is used). In glass matrices, the hot-pressing tem-
perature is near the liquidus, and the glass behaves as
a viscous liquid and is thus able to flow in order to
accommodate thermal stresses. For moderate cooling
rates, the glass transition temperature, T, (560 °C for
borosilicate glass), is a reasonable value to use for T.
Similarly, we need values for the fibre and matrix
CTEs for temperatures up to the composite processing
temperature. Typically, CTEs are only quoted as
a mean linear value over a limited temperature range.
However, as a consequence of the nature of in-
teratomic bonding in solids, the CTE of a ceramic will
only be linear for moderate temperatures. Ideally we
require the CTE of both fibre and matrix as a function
of temperature up to T,. In practice the integral with
respect to temperature of the CTE mismatch is as-
sumed to be reasonably approximated by (o, — o)

Taking CTE data reported by Hegeler and
Briickner [35] and performing a linear fit, yields the
following equation for the CTE temperature depend-
ence of Nicalon

221 + 145 x 1073 T7(1076°C™1)

for T = 200-1300 °C. Unfortunately, the CTE for the
borosilicate glass matrix is only known over the tem-
perature range 20-300°C, the mean value being
3.25x107°C~ 1. Bearing these restrictions in mind,
and using this data and the known elastic properties of
the fibre (no experimentally measured value for Pois-
son’s ratio of Nicalon-silicon-carbide fibres exists in
the literature. Shetty [37], Faber et al. [38] and Hseuh
et al. [39] all use a value of 0.15, but do not give
a reference for the source. Bulk a-silicon-carbide has
a Poisson’s ratio of 0.19 [35]) and matrix (Table I), the
residual thermal stresses can be estimated in the
borosilicate-glass matrix at room temperature. Insert-
ing values in Equations 4-6 yields: o3 = 13 MPa,
o, = — 8 MPa (negative values indicate compres-
sive stress) and o = 18 MPa. The calculated ther-
mal stresses in the fibres are o= — 19 MPa,
of = — 8 MPaand ol = — 8 MPa* The in-situ tens-
ile strengths of the fibres are significantly greater than
those of the matrix (approximately 1.5 GPa and
50 MPa respectively), hence the possibility of fibre

0(f=

fracture can be neglected. Thus discussion will be
confined to thermal stresses generated in the matrix.
As can be seen from Equations 4 and 5 the radial and
hoop thermal stresses decay radially in the matrix.
The maximum value has been calculated for these
stresses generated in the matrix, i.e. when r = R. These
stresses are well below the tensile strength of mono-
lithic borosilicate glass (48 MPa) and the composite
matrix  microcracking  stress  (approximately
275 MPa). Hence they are unlikely to be responsible
for the matrix microcracking visible in Figs 2, 8 and 9.

Hegeler and Briickner [35] have investigated the
influence of thermal expansion on the strength and
fracture toughness of a range of glass-matrix com-
posites. They found that whilst some systems gener-
ated tensile thermal stresses greater than the tensile
strengths of the bulk matrix glass, matrix microcrack-
ing was not observed. They concluded that the higher
strengths associated with glass fibres ( > 1.0 GPa) or
thin films were a more appropriate comparison than
bulk-glass tensile strength and that the fibre-matrix
interfaces in the CMCs examined were free from de-
fects. If true, this would support our conclusion that
fibre-matrix CTE mismatch does not give rise to
matrix microcracking in 7740/SiC. Note however, that
matrix microcracking has been observed in a range of
glass and glass—ceramic matrix composites and was
found to correlate with high residual thermal stresses

[17].

4.2. Matrix microcracking due to CTE

mismatch between cristobalite and matrix
Just as the CTE mismatch between the Nicalon fibres
and glass matrix gives rise to residual thermal stresses,
so will that between the cristobalite and the devitrified
glass matrix. Analysis of these stresses is complicated
by the B-to-a-cristobalite phase change. Equations
exist which enable the radial and hoop thermal stres-
ses in the matrix (c%, and obf, respectively) to be
determined [41, 42] (since spherical geometry and an
isotropic matrix are assumed only radial and tangen-
tial stresses have to be considered). For an elastic
matrix, these equations are [33, 43]

oA 0]

Ts
J (ot — 0,)dT

LS 12
[~ (= KnfK)(T — V) P) a2

where o, v,,, and E, are the CTE, Poisson’s ratio and
Young’s modulus of the particle. V, = (a/b)* is the
particle volume fraction, K = E/3(1 — 2v) is the bulk
modulus and B = (1 + v,)/3(1 — vy).

As with the fibre-matrix case, the use of Equations
10-12 is limited by knowledge of the appropriate
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TABLE II Calculated residual stresses in glass-matrix composites due to processing conditions

Phases causing AT O %, p E, E; o, o, Oh
residual stress (°C) (1075°C~Y) (107°C~') (GPa) (GPa) (MPa) (MPa) (MPa)
1723-glass/SiC 690 4.58 324 94 205 84 —49 115
7740-glass/SiC 540 325 3.02 93 205 13 -8 18
7740-glass/B-cristobalite 315 3.25 27.1 93 707 239 239 — 359
B/a phase change - - - 93 70° - 2200 -
7740-glass/a-cristobalite 225 3.25 50.0 63 707 335 335 — 503

# The modulus of both cristobalite phases is assumed to be approximately identical to fused silica.

material properties. Estimates of the thermal stresses
can be made if it is assumed that the elastic properties
of both a- and B-cristobalite are effectively indistin-
guishable from the devitrified glass, which in turn has
identical properties to the intial borosilicate-glass
matrix. On cooling the composite, cristobalite will
exist in the B-form until 220-270 °C (see Section 4.3).
MacMillan [44] quotes the CTE of cristobalite as
27.1x107%°C~! for T=20-600°C and 50.0
x107%°C~! for T =20-300°C. Assuming that at
the higher temperature the B-phase dominates the
measured CTE and that at the lower temper-
ature the o-phase dominates, then these values can
be used to estimate the corresponding stresses.
Inserting values gives: o, =239 MPa and o, =
— 359 MPa; for T = 245-560°C; and o, = 335 MPa
and o, = — 503 MPa, for T = 20-245°C.

The radial thermal stresses calculated for the CTE
mismatch between both «- and B-cristobalite grains
and the devitrified glass are similar to the expected
cristobalite-glass bond strength (see Section 4.3).
Hence cracking/debonding of the cristobalite—glass
interface is probable. Thermal hoop stresses generated
in the matrix are compressive for both o- and B-
cristobalite grains and thus oppose the formation of
radial matrix microcracks. These calculations thus
indicate that the high CTE of «- and B-cristobalite
gives rise to the observed matrix cracking in 7740/SiC.
As B-cristobalite is the higher-temperature allotrope
of silica, it is this phase which will give rise to the
cracking seen at room temperature.

4.3. Matrix microcracking due to phase
transformation

Above 230°C (the precise temperature at which p-
cristobalite transforms to a-cristobalite is dependent
on the initial purity of the S8-cristobalite, ranging from
220-270°C [40]), cristobalite exists in the B-form;
however, on cooling through 230°C it undergoes
a martensitic phase change from - to a-cristobalite
with an associated volume decrease of 5.7%. As the
a-cristobalite shrinks away from the glass matrix, tens-
ile stresses will be generated across the cris-
tobalite—borosilicate-glass interface. If sufficiently
high, this will lead to particle debonding and possibly
crack growth in the glass phase. The critical stress, o4,
for particle/glass debonding can be estimated using an
energy-balance approach. The strain energy released
as the particle undergoes the B/a phase change is
assumed to be balanced by the creation of interfacial
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fracture surfaces and hence surface energy. Nucleation
of an interfacial debond crack is not considered. Thus
the following expression is obtained [41]

8ov; 1 12
Ca = ((1 + V)/Em + 2(1 — 2v,)/E, <E>> (1)

where 7, is the effective fracture energy per unit area of
the o-cristobalite-devitrified-glass-matrix interface.
R is the radius of the o-cristobalite grain, E, and
E, are the Young’s modulus of the matrix and particle
respectively, ¢ is the fraction of the interface which
debonds. We do not know the fracture energy of the
a-cristobalite—devitrified-glass interface, although we
can assume a lower limit equal to that of borosilicate
glass, 10 J m~ 2, Taking the mean particle radius to be
3 um and using the appropriate material properties
from Table II, Equation 13 predicts a lower-bound
critical stress for complete particle/glass debonding of
approximately 940 ¢!/ MPa. The fraction of the in-
terface debonded varied from particle to particle, but
the assumption of an average value for ¢ of 0.2-0.3
predicts a bond strength of 420-515 MPa. As the
interface is non-planar the effective fracture energy of
the interfacial crack would be expected to be much
higher, and hence the critical debond stress would be
expected to be greater than predicted using this simple
model.

In order to calculate the actual stress generated
during the B/a cristobalite phase change, it is assumed
that the cristobalite grains are spherical and have the
same elastic properties as the glass matrix. The tensile
stress across the cristobalite—glass interface due to the
volume change (dilatation) associated with the B/o
cristobalite phase, oy, can then be calculated ap-
proximately using the simple relationship:

— E,A

3(1 = 2v,) (14

Cp/a

where A is the volume change and E, and v, the
Young’s modulus and Poisson’s ratio of the particle
respectively. Inserting the appropriate values in Equa-
tion 14 the tensile stress across the cristobalite—glass
interface is estimated to be 2.2 GPa, two orders of
magnitude greater than the thermal stresses generated
due to the CTE mismatch between the fibres and
matrix. It can be concluded that cracking in the glass
matrix of 7740/SiC is not a result of the CTE mis-
match between cristobalite (either B or o) and the
devitrified glass, but is primarily due to the volume
decrease associated with the /o phase change. Note



that as the B/a-cristobalite phase transition involves
a volume decrease, any hoop stress generated in the
glass matrix will be compressive and thus restrict
radial-crack nucleation and growth. Additional stres-
ses will be present in the matrix due to the CTE
mismatch between cristobalite and the devitrified
matrix, but, as shown in Section 4.2, these are signific-
antly lower than that due to the B/« phase change. The
high stress developed due to the P/o phase change
explains the observation that fibre-matrix debonding
only occurred along the cristobalite-fibre interface
and suggests that the interface in 7740/SiC has a com-
paratively high work of fracture. Table II tabulates the
stresses induced in the matrix of 7740/SiC by thermal
expansion mismatches and phase transformations
during composite fabrication.

Note from micrographs such as Figs 7-9 that com-
plete particle debonding seldom occurs and that some
cracks terminate in the devitrified glass matrix. As
Equation 13 is only a lower bound for the debond
stress, it is likely that the interface between cristobalite
and the glass is much stronger than calculated. A fur-
ther restriction of Equation 13 is the absence of data
for the elastic properties of cristobalite and the devitri-
fied glass matrix. As the particles deviate from the
assumed spherical symmetry, the stresses generated
across the cristobalite—glass interface will vary, debon-
ding then occurring at the points of maximum stress.
The irregular shape of the cristobalite particles may
well be the cause of the few instances of observed crack
growth into the devitrified glass. Micrographs such as
Figs 8 and 9 show that crack surface separation can be
quite large around cristobalite particles, supporting
the calculation of large matrix stresses. Cracks in the
matrices of other CMC systems due to fibre/matrix
CTE mismatch were found to have very little crack
opening [17].

5. Conclusions

The SAM is able to produce high-contrast im-
ages of composite microstructures enabling matrix
defects to be identified without the requirement for
a conductive coating.

2. The formation of Rayleigh-wave fringes both
within and around the fibres allows the in-situ elastic
properties of the fibres and matrix to be estimated.
These properties may in turn contribute to an account
of the cracks observed in the matrix.

3. The matrix of Nicalon-reinforced-borosilicate
glass experienced considerable devitrification result-
ing in the random distribution of cristobalite through-
out the matrix. Although present at the fibre-matrix
interface, precipitation was not found to be the most
significant source of cristobalite nucleation under the
given composite-processing conditions.

4. The matrix was found to be extensively micro-
cracked. In areas of high concentrations of fibres and
cristobalite these cracks joined neighbouring fibres
forming a complex three-dimensional network of de-
fects.

5. Calculations of the thermal stresses induced in
the matrix due to the CTE mismatch between fibre

and matrix indicated that this was unlikely to explain
the observed matrix microcracking.

6. The thermal stresses due to CTE mismatch be-
tween o- and P-cristobalite and the devitrified
borosilicate glass were found to be of the same order
of magnitude as the calculated debond stress. Hence
cracking may occur around cristobalite particles due
to these thermal stresses. As P-cristobalite is the high-
temperature form, it is this phase which gives rise to
the observed matrix microcracking at room temper-
ature.

7. Simple calculations indicated that matrix micro-
cracking is more likely to be due to the very high
stresses associated with the contraction when B-cris-
tobalite transforms to a-cristobalite at 220-70°C.
These stresses are sufficient to cause cristobalite/glass
and cristobalite/fibre debonding and they also in-
crease with decreasing particle size.

8. The formation of cristobalite in the matrix of
7740/SiC causes some degradation of the composite
matrix microcracking stress, but also results in im-
proved fracture toughness compared with single-
phase matrices, due to the proliferation of energy-
absorbing interfaces.

9. Nicalon-reinforced borosilicate glass fabricated
under notionally optimum conditions cannot be con-
sidered as a simple fibre/single-phase matrix system.
The formation of a crystalline phase in the original
glass matrix requires the final composite matrix to be
modelled as a glass—ceramic with a high residual glass
content rather than a single isotropic ceramic phase.
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